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The flow-stress recovery of two high purity nickel aluminium alloys, containing zero and
5vol % o' (Ni;Al), deformed at 735°C has been studied for recovery times ranging from 0.1
to 100 h. Results show that the presence of a finely dispersed second phase does inhibit
the recovery rate following high-temperature deformation. For short recovery times,
t < 5 h, neither alloy obeys the predictions of the diffusion-controlled dislocation network-
growth recovery model. For longer times, the recovery of the solid solution alloy does agree
with the model while that of the precipitation-hardened alloy continues to deviate.

The short-time recovery tests were used to obtain values for the recovery rate,
r = do;/dt and these values of r are used to predict values of the hardening rate,
h = doi/de, from the relation €, = r/h where ¢, is the steady-state creep rate. The values of
h obtained in this manner are in reasonable agreement with expected values, i.e. h ~ /100
where p is the shear modulus. Electron microscopy observations on as-deformed and
recovered samples show good agreement between the measured changes in flow stress
and the observed variations in dislocation density.

1. Introduction

Variation of the deformation temperature is
known to influence the dislocation structure
developed in a material and this structural
variation should manifest itself through a
variation in the kinetics of room-temperature
flow-stress recovery. For example, prestraining
at elevated temperatures under creep conditions
produces a partially recovered substructure as
recovery accompanies the deformation process.
Subsequent comparison of the recovery behav-
iour of a creep substructure with that of a
substructure produced by low-temperature defor-
mation (no concurrent recovery during prestrain)
should graphically reveal how the recovery
process depends on dislocation arrangement. To
date little quantitative work has been done to
correlate recovery behaviour with changes in
dislocation arrangement. This behaviour is of
considerable interest, especially for high-
temperature deformation where the kinetics of
the recovery process are thought to control the
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creep rate [1-7]. In addition, the short-time
flow-stress recovery for high-temperature pre-
strain tests provides a method of determining the
recovery rate in the Bailey-Orowan [1-2]
relation between work-hardening and recovery
which is somewhat different from methods
previously proposed. The Bailey-Orowan rela-
tion states simply that steady-state creep rate,
és can be described by the relation

€s= rlh (1)

where r = (doy/dr), is the dynamic recovery rate
under applied stress o, £ = (doi/de), is the
hardening rate at the temperature of interest,
and o; is the internal stress due to long range
dislocation-dislocation interactions. Throughout
the following discussion we assume that the
above expressions for r and / represent quantities
that can be measured experimentally. That is, we
neglect the formal problems that any dislocation
motion which occurs during recovery produces
strain and that some dynamic recovery (cross-
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slip, etc.) is included in measured values of A.
These features are taken as second order effects.
The working definition of r is then “recovery
under zero macroscopic strain” and that of 4 is
“work-hardening in the absence of climb-
controlled recovery”.

Previously proposed methods for evaluating r
[8, 9] involve the measurement of transient
effects during a creep test and the exact interpret-
ation of the results is not completely clear
because of the concurrent effects of both recovery
and strain-hardening at elevated temperature.
Also, most previous work has measured recovery
and work-hardening rates in terms of applied
stresses and not internal stresses. This can lead to
errors in the determination of » and & [10].

The technique employed in this study to
measure » was to strain a sample at elevated
temperature and constant strain-rate into a
region equivalent to steady-state creep where the
sample deforms under constant applied stress.
The internal stress is determined by cooling
deformed samples under the applied stress, and
then measuring the flow-stress at room-tempera-
ture. The difference in room-temperature flow-
stress between an as-deformed sample and a fully
annealed sample is then set equal to oi. o; there-
fore represents that portion of the flow-stress
which can be equated with the driving force for
recovery.

The recovery rate is determined by annealing
samples under zero stress for various times
following the prestrain and measuring the change
in room-temperature flow-stress, i.e. change in
ai. The rate of change of o; extrapolated to zero
time is then a measure of the dynamic recovery
rate for use in Equation 1. Using the imposed
strain-rate and the measured recovery rate, the
hardening rate can be calculated and compared
with the hardening rate measured at room-
temperature or hardening in the absence of
climb. The primary assumptions involved in this
method are that the principal portion of the
driving force for recovery comes from the internal
stress and not from the applied stress and that
changes in o; directly reflect the recovery rate.

Although it is clear that an applied stress o
can aid the recovery process, a simple argument
suggests that the effect is small. Consider
recovery to be dislocation climb-controlled with
the driving force for climb arising from line
tension and the applied stress. To a first approx-
imation the climb forces will be given by (ub?)/L
(line tension) and ob (applied stress) where u is

the shear modulus, 5 is the Burgers vector and L
the dislocation segment length. As the forces are
additive, the thermal activation term in the
climb rate (or recovery rate) expression is

. o\ . pb?t  gbd
climb rate oc exp (—- ——) sinh {—— ﬁ*}
2

kT LkT
where Q is the activation energy for climb and b?
is the activation area. Both (ub%/kTL and
(cb®/kT are much smaller than unity and
Equation 2 can be approximated by

- Q) (pbt o
climb rate oc exp<— kT> (m + T 3)
If o # 0 the climb rate is proportional to

ub*  ob? pbt

LkT kT) = LkT
where we have assumed creep conditions taking
L to be the steady state dislocation spacing
characteristic of the applied stress o[(c ~ pb)/L].
Comparing this result with the case ¢ = 0 where
the rate is proportional to (ub*/LkT), the only
difference is a factor of 2. There is no difference
in stress or temperature dependence of the
recovery rate. Thus the only error introduced by
measuring recovery rates under zero applied
stress is that they will be slightly lower than
dynamic rates measured under creep conditions.

The correspondence between changes in ¢; and
recovery is established by showing that o; oc 4/p
where p is the dislocation density. This relation-
ship demonstrates that o; is a measure of the
athermal component of the flow-stress due to
dislocation-dislocation interactions. Independent
measurements of p and o; throughout recovery
establish the constancy of this relation and
support the concept that changes in o directly
monitor changes in p.

For the present study, the Ni-Al system was
selected for several reasons. Through variation
in the Al content, the structure can be varied at
testing temperature from a solid solution to a
two-phase system with essentially the same
matrix composition. The properties of the
system are well known as far as structural stability
[11] and strengthening due to the presence of a
dispersion of y'(NizAl) [12]. The system also has
considerable technological importance since
has been shown to be a primary high-temperature
strengthening mechanism in nickel-base super-
alloys [13].
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TABLE I Detailed chemical composition of the two alloys studied

At. % Wt %

Alloy Al Al C S

Co Mn Si Cu

SS 11.9 5.85 0.003 < 0.001
LP 13.1 6.50 0.004 < 0.001

< 0.01 < 0.01 0.013 0.012
< 0.01 < 0.01 0.013 0.013

2. Experimental procedure

The two alloys used in this study were supplied
through the courtesy of the International Nickel
Company. The complete chemical analyses are
given in Table I and the detailed preparation of
the samples with a gauge section of 2.5 x 1.0 x
0.005 cm has been given previously [14]. From
the equilibrium phase diagram, the 11.9% alloy
(alloy SS) is a single-phase solid solution of Alin
Ni and the 13.19 alloy (alloy LP) has about the
same matrix composition with approximately
5 vol % ' at the testing temperature of 735°C.
Following solution-treating 0.5 h at 1050°C and
precipitation-ageing 200 h at 735°C in dry
nitrogen, the v is distributed as cubic particles
approximately 1000A in size and having a
calculated interparticle spacing on the {I11}
planes of about 2500A.

Fig. 1 is a schematic diagram of the testing
procedure. The thermal treatments prior to
straining are described in the preceding para-
graph. Following the pre-ageing, the samples
were heated under zero stress in a dual-elliptical
quartz lamp furnace mounted on a servo-
controlled hydraulic tensile machine operating
under load control in a dry nitrogen atmosphere.
Samples were held at 735°C for 0.5 h to stabilize
the thermal gradients prior to testing. Tempera-
ture control along the gauge section was + 2°C.
Samples were deformed at constant elongation
rate of 0.01 min—! with measurement and control
of length accomplished by a system of Inconel
rods attached to the upper and lower grips, using
alinear variable differential transformer to detect
changes in distance between the two grips.

The samples were strained into a state equiv-
alent to steady-state creep as shown in Fig. 1
where the applied stress is essentially constant
with strain. The total strain introduced into the
samples was 0.10 for alloy SS and 0.06 for alloy
LP. The samples were then either rapidly cooled
under load to preserve the creep substructure
and prevent recovery from occurring, or else
unloaded, recovered for some specific time at
735°C and then cooled to room-temperature.
Cooling to 550°C, the temperature below which
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Figure 1 Schematic of ageing and testing procedure
employed.

recovery was not observable for samples
prestrained at room temperature, took approx-
imately 1.5 min. For samples that underwent
recovery anneals, treatments for 0.1 to 5 h were
carried out in the tensile machine, while longer
recovery treatments were done in a separate
furnace.

Following deformation and recovery, a tensile
test was run on the samples at room-temperature
at the same strain-rate and the 0.2 % offset yield
strength measured. The results are evaluated in
two ways. The first is the recovery parameter R

Ouy — Oy
R= 2%
Ouy — Oy1

where oy, is the yield strength for zero recovery
time samples, oy, is the yield strength for
samples recovered time ¢ and oy, is the yield
strength for a fully annealed sample. All yield
strengths are defined as the stress to produce
0.29% strain. The recovery parameter varies from
zero for no recovery to one for complete
recovery. It is useful in comparing results from
samples prestrained under different conditions
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since it compares fractional changes in flow stress
rather than absolute changes.

The second method of evaluating the results is
in terms of that portion of the flow-stress which
is the unrecovered work-hardening and due to
dislocation-dislocationinteractions. Thisquantity
termed the internal stress o is given by

gi = Oy — Oy (5)

oi and its variation with time is the quantity of
interest when relating to high-temperature creep
and recovery models.

Samples of the 0, 1.0, and 50 h recovery
studies were examined using electron microscopy
Preparation of samples was the same as previously
described [14] and the random-line intersection
technique of dislocation density measurement
[15] was used with at least forty different areas
being counted on each sample.

3. Results and discussion
3.1. Comparison with room-temperature
results

Fig. 2 shows the time variation of the recovery
parameter and internal stress for the two alloys
prestrained at room-temperature and 735°C. On
the recovery parameter basis, it can be seen that
the basic difference between room- and high-
temperature prestrain is the fraction of the
recovery that occurs during the first 0.1 h. The
slopes of the curves at the longer times for each
alloy are approximately the same. The larger
initial recovery in the room-temperature pre-
strain samples is probably due to short range
effects such as dipole and loop annihilation and
formation of interface dislocation networks as
has been proposed previously [14]. Some portion
of this type of recovery probably occurs during
the prestraining at higher temperature but
apparently does not accompany initial recovery
of the 735°C prestrain substructure to the same
large extent. The difference in the slope of the oy
relations for the two prestrain temperatures is
due to the larger amount of initial work-harden-
ing, own = owy — Oy; for room-temperature
prestrain. This essentially introduces a larger
driving force, ai, for recovery. For the 735°C
prestrain, the applied stress in the steady state
region was 1.3 x 107 dyn/cm~2 for alloy SS and
2.27 % 10° dyn cm~2 for alloy LP.

Fig. 3 shows a series of electron micrographs
for alloy SS recovered for 0, 1.0 and 100 h for
room-temperature prestrain and 0, 1.0 and 50 h
for 735°C prestrain. The as-deformed state for
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Figure 2 Effect of prestrain temperature on the variation
of the internal stress and recovery parameter with time.
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room-temperature is characterized by slip bands
plus a fairly uniform overall distribution of
dislocations. At 735°C the as-deformed state is
a uniform three-dimensional distribution of
dislocations with some evidence of two-
dimensional networks developing as sub-
boundaries, especially in regions adjacent to
grain boundaries. This is quite similar to short-
time recovery structures for room-temperature
prestrain. Table II gives the measured dislocation
densities for the samples shown in Fig. 3.
Recovery for both temperatures of prestrain is
characterized by an overall decrease in density of
dislocations as recovery time increases. Aside
from the as-deformed state, the structures for
both temperatures are very similar.

For alloy LP, Fig. 4 shows an equivalent series
of representative structures for 735°C prestrain
with the interparticle dislocation density measure-
ments given in Tablell. The interface dislocations
are not included in these reported values for p.
The as-deformed structure is comparable to that
seen for deformation at room temperature
followed by recovery for a short time [14]. There
are networks of dislocations at the ’-matrix
interface which act to relieve the lattice mismatch
and a uniform distribution of interparticle
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Figure 3 Comparison of deformed and recovered dislocation structures for alloy SS prestrained at 25 and 735°C.
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TABLE 11 Dislocation density measurements from electron microscopy studies) (All values in 10° cm—2)

Recovery time p (Alloy SS) Recovery time P (Alloy SS) p (Alloy LP)
(h) RT (h) 735°C 735°C

0 12 £ 1.7 0 74 +2 13.9 + 2

1 7+£17 1 69 +2 122 4+ 2
100 5417 50 54 +£2 99 +2
dislocations. Further recovery involves the thus be expected that the precipitation hardened

reduction of measured dislocation density and
distortion of the y’ particles by the interface
dislocations. For this alloy also, the dislocation
arrangements accompanying recovery are very
similar for both low- and high-temperature
prestrains except at very short recovery times.
For recovery times of about 0.1 h, the low
temperature prestrain samples show formation of
y'-matrix interfacial dislocation networks, a
feature which is already present in the 735°C
prestrained samples [14]. For both alloys, the
dislocation density measurements agree with the
relation o1 = « pb4/p with o ~ 0.80 where p is
the shear modulus and b is the Burgers vector.
The assessment of the results in terms of the
Friedel model [14, 16] for recovery by climb-
controlled growth of a three-dimensional dis-
location network* is shown in Fig. 5. For the
longer times, ¢ > 5 h, there is a good agreement
for alloy SS with the prediction of the model that
(1/o1)? o< time. As would be expected from the
model, the slope for the room-temperature and
high-temperature prestrains is essentially the
same. This agrees with the electron microscopy
results, which show the recovery involves a
decrease in the dislocation density with the
dislocations distributed in a fairly uniform three-
dimensional network of dislocations. For alloy
LP, the longer time results show a considerably
slower rate of recovery than that found for alioy
SS. This is expected from the interaction of the
dislocation network with the ' particles. From
the measured values of dislocation density, the
average dislocation segment length in alloy LP in
the as-strained condition is ~ 2000A. This can
be compared with the average interparticle
spacing of ~ 2500A. Thus a large portion of the
dislocations must bow around adjacent particles
and hence have a reduced driving force for
recovery compared to that for alloy SS where the
particles do not break up the continuity of the
network or inhibit dislocation motion. It would

alloy would recover more slowly as is shown in
Fig. 5 and predicted from creep results [17].

The disagreement with the model for short
times in both alloys and at both temperatures
indicates that all of the possible short range
recovery processes (annihilation of loops, dipoles
and the rearrangement of dislocation tangles) are
not instantaneously eliminated at high-tempera-
ture but are an important portion of recovery
during creep. Thus the use of the network growth
model for recovery in formulating creep
expressions [8] is subject to some doubt, at least
for the relatively high strain-rates employed in
the present study.

TABLE 1II Recovery and work-hardening rates as
found from 735°C prestrain tests and
room-temperature stress-strain curves

Alloy r fcal hmeas oi
dyncm 2 hdyncm™ dyncm—2 dyncm™2

SS 1.8 x 10° 3 x 10° 8 x 10° 0.8 x 10°

LP 0.6 x 10° 1 x 10° 15 x 10° 1.1 x 10°

3.2, Recovery — work-hardening rates

Fig. 6 shows the variation of oy with time for the
short time recovery anneals of both alloys
prestrained at 735°C. Approximating the slopes
of the curves at zero time from the values of o; at
times 0 and 0.1 h gives the recovery rates in
Table III. These values are assumed to corre-
spond to the dynamic recovery rate for high-
temperature creep. The dynamic recovery rate in
the solid solution is about three times that in the
y'-strengthened alloy despite the higher initial
value of o3 and thus higher driving force for
recovery in alloy LP. This observation supports
the view that the strong reductions in creep rate
for materials with o' present is due to the 9’
inhibiting the recovery process as proposed in the
previous section.

Also given in Table III are the values of the

*This model predicts (1/o1)> = At -+ B where the parameter A contains the temperature dependence of the recovery

process.

1057



T. V. NORDSTROM, C. R, BARRETT

Figure 4 Deformed and recovered structures for alloy LP
prestrained at 735°C.

hardening rate, Aca1, which were calculated using
Equation 1, the measured recovery rate r, and the
imposed strain rate és = 0.6 h—. The hardening
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Figure 5 Comparison of room-temperature and 735°C
prestrain tests with Friedel model for network growth
recovery.

rate for alloy LP is less than that found for alloy
SS despite the presence of the second phase
which generally results in an increased work
hardening rate. This effect can be explained if
consideration is given to the variation in the
internal stress level in the two alloys as listed also
in Table III. The measured level of internal stress
in alloy LP is considerably higher than that in
alloy SS. This is due to the " in LP inhibiting the
recovery process so that work-hardening builds
up a higher level of internal stress before a
balance of the two rates for steady-state creep is
achieved. It has been shown experimentally [18]
and for simple models [19] of work-hardening
that the hardening rate varies inversely with the
stress level to some power ~ 1. Thus the higher
level of internal stress in LP results in a reduced
work-hardening rate for this alloy and the data
merely reflect the relationship 4 oc 1/0i.

An attempt was also made to measure 4 from
the slope of the room-temperature stress-strain
curve, using the method suggested by Mitra and
McLean [8], and compare these values with
heca1. Although there is some uncertainty as to
which point on the o — € curve the hardening
rate should be taken, the present values were
measured on a sample prestrained at high
temperature and recovered, at the stress level
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Figure 6 Determination of initial recovery rate for samples
prestrained at 735°C,

where the internal stress is equal to the internal
stress for zero recovery. This sample was chosen
to approximate the substructure present during
a creep test. The 100 h recovery test was used to
obtain the values fimess, given in Table III with
correction being made for the temperature
varjation of the modulus [20]. As can be seen in
Table I1I, these values of Ameas are about an order
of magnitude higher than the values of #eal.
However, they do agree with values of 4 found
using the same technique on other metals [8] and
also with values of 4 found using incremental
stress increases at elevated temperature and
measuring the instantaneous strain [21].

There are two reasons to doubt the Ameas
values. First the magnitude of these measured
hardening rates (~ w/10) is considerably above
the value expected from low-temperature strain-
hardening ( ~ 1/200). Previously reported values
of hmeas as high as those observed here have been
justified on the basis of their correlation with
measured values of € and r. However, it is likely
that compensating errors existed in these earlier
measurements of r and 4 [10]. In addition, the
direct comparison of work-hardening rates for
room- and high-temperature deformation is
somewhat uncertain due to the considerable
difference in the work-hardened structure for
room- and elevated-temperature prestrain as
Fig. 3 shows for alloy SS. On this basis it ap-

pears that the present technique for measuring
rin terms of internal stress gives a more reason-
able value for the hardening rate at elevated
temperature than previous techniques that con-
sider the applied stress only.

4. Conclusions

The findings of this study can be summarized as
follows:

1. The effect of increasing prestrain tempera-
ture on short-time recovery is to reduce the
initial fractional recovery. This is due to the
partial recovery of short range effects (annihi-
lation of dipoles, loops and rearrangement of
tangles) during the prestraining at elevated
temperature.

2. For long-recovery times, the recovery rates
are essentially independent of prestrain tempera-
ture and depend only on the magnitude of the
internal stress with the results on the solid
solution alloy showing good agreement with the
Friedel model of network growth.

3. The short-time flow-stress recovery tests for
high-temperature prestraining provide a new
method for determining the recovery rate in the
Bailey-Orowan relation in terms of internal stress.
The technique predicts values of the high-
temperature work-hardening rate that disagree
with those found by previous investigators, but
agree with the hardening rate values predicted by
simple models of strain hardening and room-
temperature strain-hardening tests.

4. The short-time recovery tests suggest that
the Friedel model of network growth does not
completely describe the recovery kinetics for
either alloy during creep.
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